Introduction
High strength Al-Cu-Mg alloys, such as 2024-Al and 2048-Al, were widely used in applications that require high fracture toughness and crack propagation resistance, such as aircraft structures, automotive applications, armored vehicles, and electronic packaging devices. These alloys do not generally perform well at high temperatures. Therefore, heat resistant alloys, such as 2219-Al and 2618-Al, were used in applications that require high specific strength and high temperature capability. These heat resistant AlCu-Mg alloys, however, have limited fracture strength and damage tolerance ͓1͔.
The addition of small amounts of Ag to Al-Cu-Mg alloys with high Cu to Mg ratios can significantly improve the age hardening response by the nucleation of thermally stable, platelike ⍀ precipitates on ͕111͖ planes in the aluminum matrix ͓2͔. Moreover, Al-Cu-Mg-Ag alloys have less grain boundary ͑GB͒ precipitation, and therefore retain most of their toughness after age hardening, and were less susceptible to intergranular fracture ͓3,4͔.
Therefore, Al-Cu-Mg-Ag alloys can potentially have relatively high strength, temperature resistance, toughness, and damage tolerance. Specifically, the Al-Cu-Mg-Ag alloy 2139-T8 developed by Cho and Bes ͓5͔ showed, after the addition of Mn for dispersoid formation, significantly improved fatigue life and fracture toughness in comparison to currently used alloys in the aerospace industry. Moreover, the ballistic performance of 2139-Al was also shown to be potentially superior to that of Al-2519, which is used in armored vehicles ͓5͔.
The potential use of Al-Cu-Mg-Ag alloys for different applications was therefore predicated on understanding, identifying, and optimizing the material mechanisms and behavior related to increased strength and toughness. If these alloys were to be tailored for a desired application, optimal trade-offs between the competing requirements of strength and toughness have to be identified and controlled. Hence, a detailed understanding of the microstructural constituents in 2139-Al and their influence on the mechanical behavior is needed. Specifically, it has to be understood why the addition of Ag was favorable to the formation of ⍀ precipitates, how ⍀ and Ј precipitates affect toughening and strengthening behavior at different scales in terms of microstructural characteristics, such as crystal orientation and dislocationdensity interactions at matrix-precipitate interfaces. A comprehensive experimental-cum-modeling overview of these issues was lacking, especially for high strain-rate modes and regimes.
Hence, the objective of this study was to identify the microstructural mechanisms related to the high strength and ductile behavior of 2139-Al, and how dynamic conditions would affect the overall response of this alloy. Hence, three interrelated approaches were used: ͑i͒ The mechanical response ͑stress-strain͒ behavior was obtained using the split Hopkinson ͑Kolsky͒ pressure bar, for strain-rates ranging from 1.0ϫ 10 −3 s to 1.0ϫ 10 4 s −1 . ͑ii͒ First principles density functional theory calculations were conducted to characterize the structure of the interface and to better understand the role played by Ag in promoting the formation of the ⍀ phase for several ⍀-Al interface structures. ͑iii͒ A specialized microstructurally based finite element ͑FE͒ analysis and dislocationdensity based multiple-slip formulation that accounts for an explicit representation of precipitates and their rational orientation relations was conducted. This microstructural formulation accounted for precipitate shape, aspect ratio, volume fraction, crystal structure, and the different slip systems and orientations associated with the alloy matrix and precipitates. The effects of stress and plastic slip accumulation at precipitate interfaces, GBs, grain interiors, and dislocation-density evolution at the matrixprecipitate interfaces were investigated. This integrated approach provided insights that are difficult, if not impossible to obtain, if only an experimental or a computational approach was used.
This paper is organized as follows: An overview of the experimental method was presented in Sec. 1, the first principles results are given in Sec. 2, an outline of the microstructural approach and specialized FE approach are given in Sec. 3, the results are discussed in Sec. 4, and a summary of the salient conclusions are given in Sec. 5.
High Strain-Rate Experiments
The high strain-rate behavior of metals and alloys was widely recognized to play an important role in several technologies including manufacturing processes, such as rolling, forming, and high-speed machining, as well as in ballistic failure, dynamic crack growth, and shear banding. Accurate computational modeling of these processes requires the knowledge of material behavior at large strains over a wide range of strain rates. Relevant constitutive data were also essential for validating and developing multiscale material models ͓6,7͔. The validation of such models requires robust experimental measurements that can be used to aid in the refinement of these models aimed at bridging length scales in high strain-rate deformation of metals. The dynamic nature of the above mentioned processes motivated the study of high-strain rate deformations.
In this section a description of the large strain mechanical response of 2139-Al over strain rates ranging from Ϸ 10 −3 -10 4 s −1 is presented. The material of this study was supplied as rolled plates from Alcan Rolled Products ͑Ravenswood, WV͒ and then machined as cylinders.
Quasistatic testing was carried out on a computer controlled MTS servohydraulic machine, operated under displacement control. The machine's stiffness was taken into account when producing stress-strain data. High-rate constitutive behavior was investigated using a 19 mm diameter Kolsky ͑split Hopkinson͒ pressure bar ͓8͔, made of C300 maraging steel. The signal processing accounted for wave dispersion according to the algorithm of Lifshitz and Leber ͓9͔. Strain-rate jump tests were carried out using specially designed 30 cm long cylindrical projectiles. Two cylindrical impactors were used. The geometry of the first had a length of 15 cm where the diameter is constant at 19 mm, and for the remainder of the 30 cm length, the diameter was stepwise reduced from 19 mm to 12.7 mm. The second impactor also had a constant diameter of 19 mm along the first 15 cm of length, and for the remainder of the impactor length, the diameter was also stepwise reduced from 19 mm to 9.61 mm. The specimens were cylindrical, with 6 mm in diameter and 6 mm in length.
Typical stress-strain curves obtained over a wide range of strain rates are shown in Fig. 1 . At quasistatic strain rates ͑ϳ10 −3 s −1 ͒, the material exhibited considerable hardening; it deformed to large equivalent strains of up to 10% and had a strength of approximately 800 MPa, which is significantly higher than most aluminum alloys. As the strain rate was increased to 8100/s, the material exhibited significant ductility of up to 80%. There was slight stress softening, but as seen from Fig. 1 , the strengths were only slightly lower than those observed in the quasistatic regime. The strain-hardening behavior did not seem to be highly rate dependent. The stress-strain response softened in the dynamic regime at true strains below 10%. The flow stress at true = 0.06 is plotted as a function of strain rate in Fig. 2 . The material exhibited considerable rate sensitivity, particularly at strain rates beyond 10 3 s −1 . The highest strain rate achieved was approximately 10 4 s −1 , a strain rate that was generally not achievable in a split Hopkinson ͑Kolsky͒ pressure bar using cylindrical specimens. These results were an indication of 2139-Al's high strength and significant ductility over a span of different strain rates. Atomistic and microstructurally based FEM modelings were used to further understand the underlying mechanisms that affect this response.
Atomistic Modeling of Omega Precipitates
To characterize the structure of the interface and to better understand the role played by Ag in promoting the formation of the ⍀ phase, which could be one of the main microstructural characteristics affecting the desirable behavior of 2139-Al, first principles density functional theory calculations were carried out on several ⍀-Al interface structures both with and without Ag and Mg. The calculations used the Vienna ab initio simulation package ͑VASP͒ ͓10,11͔, and were carried out within the generalized gradient approximation using the PW91 parameterization ͓12,13͔. Valence-core electron interactions were treated using ultrasoft pseudopotentials ͓14͔, and the valence electron wave functions were expanded in plane wave basis sets with a 300 eV energy cutoff using the Monkhorst-Pack method for special k-point sam- Transactions of the ASME pling for the Brillouin zone integration ͓15͔. Three-dimensional periodic boundary conditions were applied, and both the cell volume and atomic positions within the cell were relaxed. A small supercell of 76 atoms was used to characterize the pure ␣-Al/ ⍀ interfacial structure. Three different types of chemical bonds, Al-Al, Al-Cu, or Al-Cu plus Al-Al may be formed across the ␣-Al/ ⍀ interface depending on the termination of the ͑001͒ ⍀ planes. Several relative displacements of the ⍀ structure, with respect to the Al lattice, were used as initial structures within these three termination types followed by energy minimization. The most stable structure of the ␣-Al/ ⍀ interface was found to be connected by Al-Al bonds with a hexagonal Al lattice on the surface of the ⍀ phase, sitting on the vacant hollow sites of the Al ͕111͖ matrix plane.
Starting with this interface structure, heats of formation were calculated for an extensive set of trial structures in which Mg and/or Ag atoms were substituted for the interfacial Al. A larger 152 atom supercell was used for these calculations to reduce size effects and supercell image interactions. The results of these calculations indicate that when only Mg is introduced, the tendency for segregation to the interface was minimal and the strength of the interface was not enhanced. In contrast, Ag has a strong tendency to segregate to a dense substitutional layer that was one layer away from the interface into the Al lattice. This occurs because Ag and Al form relatively strong bonds, and there was a reduced planar density of Al atoms in the ⍀ phase to which the Ag can bond. However, the strongest bonding, and hence the greatest stabilization of the interface, occurs when the Mg substitutes for the Al layer closest to ⍀ phase and the Ag substitutes for the Al in the next layer into the Al, hence forming an interfacial bilayer like that observed experimentally. To illustrate the relationship of structure to experiment, shown in Fig. 3 is a superposition of the atomic arrangement ͑left͒ and the electron density ͑right͒ from the first principle calculations over the experimental Z contrast high resolution transmission electron microscopy ͑HRTEM͒ image from Ref. ͓16͔ of the Al-⍀ interface. Our theoretically determined structure allows strong Ag-Al, Mg-Cu, and Ag-Mg bonding while excluding the weaker Ag-Cu bonds. The analysis of the charge density at the interface shows a net transfer of electrons to the ⍀ and Al matrix from the interface region that contributes to interface stabilization. Hence, the first principle modeling provides both a viable atom-resolved structure consistent with experiment and provides insight into the driving force for the stability of this interface in terms of bonding strengths and electron charge transfer.
Microstructural Finite Element Model
4.1 Crystal Plasticity Formulation. Constitutive formulations for the rate-dependent multiple-slip crystal plasticity, which are coupled to the evolutionary equations for the dislocation densities, were used. For a detailed presentation, see Refs. ͓17-19͔.
The velocity gradient was decomposed into a symmetric deformation rate tensor D ij and an antisymmetric spin tensor W ij . D ij and W ij were then additively decomposed into elastic and plastic components as
The inelastic parts are defined in terms of the crystallographic slip rates as
where ␣ is summed over all slip systems, and P ij ͑␣͒ and ij ͑␣͒ are the symmetric and antisymmetric parts of the Schmid tensor in the current configuration, respectively. The rate-dependent constitutive description on each slip system can be characterized by a power law relation, for strain rates below a critical value of ␥ critical as 
where y ͑␣͒ is the static yield stress on slip system ͑␣͒, G is the shear modulus, nss is the number of slip systems, B ͑͒ is the magnitude of the Burgers vector, and the coefficients a are the slipsystem interaction coefficients. T is the temperature, T 0 is the reference temperature, and is the thermal softening exponent.
For a given deformed state of the material, the dislocation structure of total dislocation density ͑␣͒ is additively decomposed into a mobile and an immobile dislocation density m ͑␣͒ and im ͑␣͒ , respectively, as
It is assumed that during an increment of strain, there ensues a change in the dislocation structure. The balance between generation and annihilation of dislocation densities as a function of strain is thus taken as a basis for the following equations that describe the evolution of mobile and immobile dislocation densities: 
where g sour , g minter , g recov , and g immob are coefficients corresponding to the generation of mobile dislocation densities, trapping of mobile dislocations by dislocation-dislocation interactions, rearrangement and annihilation of immobile dislocations by recovery, and immobilization of mobile dislocations, respectively. For a determination of these coefficients, see Ref.
͓21͔. ⌬H is the enthalpy of activation of plastic deformation, and k is the Boltzmann constant.
Precipitate-Crystal Representation.
As seen from the Sec. 4.1, the crystal plasticity constitutive formulation requires the identification of the specific crystal structures, slip systems, and material properties. In Al-Cu alloys, the phase ͑Al 2 Cu͒ has an I4 / mcm structure with a = 0.607 nm and c = 0.487 nm ͓22͔. The Ј phase has a tetragonal structure I4m2, with a = 0.404 nm and c = 0.58 nm ͓23͔. The ⍀ phase ͑Al 2 Cu͒ was proposed as monoclinic ͓24,25͔, hexagonal ͓26͔, and tetragonal distorted phases ͓27͔. The accepted structure for the ⍀ phase was the orthorhombic structure ͑Fmmm͒ proposed by Knowles and Stobbs ͓28͔, with a = 0.496 nm, b = 0.858 nm, and c = 0.848 nm. In this study, the ⍀ and Ј phases were modeled as I4 / mcm ͓27,29͔, using 12 slip systems corresponding to the shortest two Burgers vectors in the crystals ͑C16 structure͒ ͓30,31͔, and with the concomitant rational orientation relations to the matrix ͓22͔.
Orientation of Crystal Lattice With
Respect to Element Axes. First, the Miller indices of planes and directions that define orientation relations between precipitates and matrix were defined. The following procedure was then used to crystallographically orient slip normals and directions within precipitates and the matrix with respect to the global axes, while observing matrix-precipitate orientation relations. A schematic representation of this procedure is shown in Fig. 4 
Geometry of the Precipitate Crystals.
A large aspect ratio ͑L / t =24͒ was chosen to be consistent with observed values in quaternary alloys ͓34͔. Further, to capture a microstructural length scale consistent with precipitates, a thickness of 500 nm was used. Finally, a total volume fraction of 3% was assumed for the precipitates.
2D Finite Element Model.
The multiple-slip dislocationdensity based crystal plasticity formulation was implemented within the framework of the explicit dynamic FE program ABAQUS/EXPLICIT to investigate the behavior of a polycrystalline aggregate representative of 2139-Al under large compressive inelastic strains and strain rates. An 18 grain aggregate with dimensions of 100ϫ 100 m 2 ͑Fig. 5͒ was used, where the grain size was of a maximum of 1000 m 2 . Random Euler angles were assigned for relative grain misorientations that did not exceed 10 deg. The ⍀ and Ј precipitates were placed near the centroid of each grain based on the crystallographic formulations as outlined earlier ͑i.e., having aligned their thickness and long directions in accordance with their rational orientation relationships, with re- spect to each grain, and then projecting these directions in 2D͒. The material properties used in this study are summarized in Table  1 and accompanied by their respective references.
The aggregate was subjected to different nominal axial strain rates ranging from 10 −3 s −1 to 10 4 s −1 by applying a velocity along the normal direction. Symmetry boundary conditions were applied for a 2D plane-strain deformation ͑Fig. 5͒ A convergent mesh of 6500 elements was used. Four-node bilinear plane-strain quadrilaterals, with one-point integration and enhanced assumedstrain hourglass control, were used. For representative behavior, the results for an applied strain rate of 10 4 s −1 will be presented in this paper.
Microstructural Finite Element Results
The contours of the accumulated plastic slip were shown in Fig.  6 . The maximum accumulated plastic strain is 1.4 with most of the maximum accumulations occurring at the precipitate-matrix inter- a i Slip-system interaction coefficient 0.5 0.5 faces. The curves for the comparison between the precipitate-free aluminum and the 2139-Al indicate that the presence of precipitates has a significant effect on the plastic slip behavior and distribution. Specifically, the precipitates are clearly shear deformable. This is consistent with observations in Refs. ͓40-42͔. The slip within the Ј and ⍀ precipitates has not resulted in slip concentration as was often observed with shearable particles ͓42-44͔. This could be due to the precipitates continuing to harden and also acting as physical barriers that impede the matrix from forming large connected zones of intense plastic strain. Moreover, the FE model, though constrained in plane strain, showed plastic strain on multiple slip systems in the ⍀ and Ј precipitates. Therefore, slip in the precipitates was not planar, and shearing did not localize as would otherwise be expected ͓45͔.
The corresponding adiabatic temperature changes are shown in Fig. 7 . The ⍀ precipitates along the selected evaluation path have a lesser increase in temperature than the Ј phase or the matrix, which indicates that these precipitates may delay thermal softening of the 2139-Al alloy. This, combined with the diffuse plastic slip accumulation, is another indication of 2139-Al's ductility and lack of susceptibility to shear-strain localization.
The contours in Fig. 8 show the immobile dislocation density corresponding to slip system ͑111͓͒011͔ in the matrix, which was the most active matrix system, and the immobile dislocation density corresponding to the most active system ͑110͓͒112͔ for the precipitates. The contours indicate that the matrix slip system saturated to 10 14 m −2 over most grains. This saturation actually occurred in most of the grains, at a nominal strain of approximately 12%, which was approximately equivalent to the true strain at which softening was first observed in the experimental stress-strain curves.
It was also seen that the dislocation densities attain maximum values at precipitate-free triple junction points and at precipitatematrix interfaces. From the curve, it was seen that peaks in the immobile dislocation densities were at the matrix ⍀ interfaces. This accumulation at the precipitate interfaces further indicates the incompatibility of slip in the surrounding matrix with ⍀ precipitates, similar to the observations in Refs. ͓41,42,46͔ for ͕100͖ ␣ and ͕111͖ ␣ precipitates. This accumulation, however, does not occur for the Ј precipitates along the selected path. Furthermore, the largest immobile dislocation density for ⍀ precipitates was at 40% of the value in the matrix and Ј, which have both saturated. This was therefore an indication that ⍀ precipitates can add further strength and ductility through the interrelated mechanism of material hardening and dislocation density generation.
The evolution of the reference shear stress values was shown in Fig. 9 . It was clear from the contours that the ⍀ precipitates generally harden more than the surrounding matrix, and often more than the Ј precipitates. The curves in Fig. 9 show hardening peaks within the ⍀ precipitate well above those for the Ј precipitates or the matrix for the selected path. Hence, the ⍀ precipitates have a marked effect on strengthening the alloy, and it was more pronounced than that of the Ј precipitates. It was clear, however, that different grain orientations would align Ј and ⍀ differently, with respect to the loading direction, and could thus favor Ј hardening more than ⍀. Hence, the effectiveness of precipitate strengthening of the alloy was dependent on the crystallographic orientation of the grains, which governs the relative precipitate orientations with respect to the loading of the aggregate, a dependence that was consistent with the observations and predictions in Refs. ͓46,47͔. The presence, therefore, of both Ј and ⍀, acting on different crystallographic orientations in the alloy, could be expected to enhance the strength and strain-hardening response ͓45͔ for the various grain orientations in the polycrystalline aggregate.
Summary
From the experiments, it was observed that the 2139-Al alloy exhibits considerable hardening at quasistatic strain rates ͑ϳ10 −3 s −1 ͒, can be deformed to large equivalent strains, and has a strength of approximately 800 MPa, which was significantly higher than most aluminum alloys. As the strain rate was increased to 8100/s, 2139-Al exhibited significant ductility of up to 80%. There was slight stress softening, but the strengths were only slightly lower than those observed in the quasistatic regime. The stress-strain response softened in the dynamic regime at true strains of approximately 12%. Moreover, 2139-Al exhibits considerable rate sensitivity, particularly at strain rates beyond 10 3 s −1 . These results are an indication of 2139-Al's high strength, significant ductility, and lack of susceptibility to shear strain localization under compressive strain rates.
First principles calculations, describing the structure of the ⍀-Al interface, indicated that the strongest bonding, and hence the greatest stabilization of the interface, occurs when the Mg substitutes for the Al layer closest to ⍀ phase, and the Ag substitutes for the Al in the next layer into the Al, hence forming an interfacial bilayer like that observed experimentally ͓16͔. The theoretically determined structure allows strong Ag-Al, Mg-Cu and Ag-Mg bonding, while excluding the weaker Ag-Cu bonds. The analysis of the charge density at the interface showed a net transfer of electrons to the ⍀ and Al matrix from the interface region that contributes to interface stabilization. Hence, the first principles modeling provides both a viable atom-resolved structure consistent with experiment and an insight into the driving force for the stability of the ⍀ phase in terms of bonding strengths and electron charge transfer.
The predictions from the microstructural finite element model indicated that the precipitates continue to harden, and also act as physical barriers that impede the matrix from forming large connected zones of intense plastic strain. This understanding was predicated on the accurate representation of the crystallography of the precipitates and the matrix. Moreover, the multiplicity of active slip systems resulted in the shearing of the precipitates, and this multiplicity also inhibited shear strain localization. As the predictions indicated, the combined effects of Ј and ⍀, acting on different crystallographic orientations, enhance the strength and strain-hardening response of the alloy. The ⍀ precipitates had lower temperature increases than the matrix and therefore could delay thermal softening. Furthermore, dislocation densities in ⍀ have not saturated. Hence, ⍀ had the inherent capacity of increasing strength and ductility to the alloy through the interrelated mechanisms of hardening, and sustained ductility through precipitate shearing.
This integrated experimental and computational framework that spans different spatial and temporal scales provides a detailed understanding of the underlying mechanisms that delineate the high strength, ductility, and lack of susceptibility to shear strain localization of 2139-Al over a spectrum of dynamic compressive strain rates.
